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Abstract
Plastic instability associated with formation of narrow ¯ow channels results

from dislocation pinning±unpinning by defect clusters. We investigate the
dynamics of dislocation interaction with radiation-induced defect clusters, and
speci®cally with, ®rstly, sessile self-interstitial atom clusters in dislocation
decorations and, secondly, stacking-fault tetrahedra (SFTs) in the matrix. It is
shown that the critical stress to free trapped dislocations from pinning
atmospheres can be a factor of two smaller than values obtained on the basis
of rigid dislocation interactions. The unpinning mechanism is a consequence of
the growth of morphological instabilities on the dislocation line. Dislocation
sources are activated in spatial regions of low SFT density, where their
destruction by glide dislocations leads to subsequent growth of localized
plasticity in dislocation channels. We show that removal of SFTs is associated
with simultaneous dislocation glide and climb. Jogs of atomic dimensions are
formed when a fraction of SFT vacancies are absorbed by pipe di� usion. The
width of a ¯ow channel is explained in terms of two length scales: the size of an
individual SFT, and the dislocation source-to-boundary distance …d of the order
of micrometres). While dislocation segments climb by a few atomic planes with
each SFT destruction event, d determines the total number of such events.
Numerically computed channel widths (about 70±150 nm), and the magnitude
of radiation hardening in copper are consistent with experimental observations.

} 1. Introduction
Many experimental observations have shown that neutron irradiation of metals

and alloys at temperatures below recovery stage V causes a substantial increase in
the upper yield stress (radiation hardening) and, beyond a certain dose level, induces
a yield drop and plastic instability (for example Smidt (1970), Dai (1995), Singh et al.
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(1996) and Baluc et al. (1999)). Furthermore, the post-deformation microstructure of
a specimen showing the upper yield point has demonstrated two signi®cant features.
First, the onset of plastic deformation is generally found to coincide with the for-
mation of `cleared’ channels, where almost all plastic deformation takes place. The
second feature refers to the fact that the material volume in between cleared channels
remains almost undeformed (i.e. no new dislocations are generated during deforma-
tion). In other words, the initiation of plastic deformation in these irradiated materi-
als occurs in a very localized fashion. This speci®c type of plastic ¯ow localization is
considered to be one of many possibilities of plastic instabilities in both irradiated
and unirradiated materials (for example Kocks et al. (1975), NeuhaÈ user (1990) and
Luft (1991)).

A theory of radiation hardening was proposed by Seeger (1958) in terms of
dislocation interaction with radiation-induced obstacles (referred to as depleted
zones). Subsequently, Foreman (1968) performed computer simulations of loop
hardening, in which the elastic interaction between the dislocation and loops was
neglected. The model is based on Orowan’s mechanism, which assumes that the
obstacles are indestructible. In this view of matrix hardening, the stress necessary
to overcome localized interaction barriers represents the increase in the yield
strength, while long-range elastic interactions are completely ignored. These short-
range dislocation±barrier interaction models lead to an estimate of the increase in the
critical resolved shear stress (CRSS) of the form ¢½ ˆ ¬·b=l, where ¬ is a numerical
constant representing obstacle strength, · is the shear modulus, b is the magnitude of
the Burgers vector and l is the average interobstacle distance. Kroupa and Hirsch
(1964) and Kroupa (1966) , on the other hand, viewed hardening as a result of the
long-range elastic interaction between slip dislocations and prismatic loops. In their
model of friction hardening, the force necessary to move a rigid straight dislocation
on its glide plane past a prismatic loop was estimated. In these two classes of hard-
ening models, all dislocation sources are assumed to be simultaneously activated at
the yield point, and plastic deformation is assumed to be homogeneous throughout
the material volume. Thus, they do not speci®cally address the physics of plastic ¯ow
localization.

Singh et al. (1997) introduced the concept of stand-o � distance for the decoration
of dislocations with small self-interested atom (SIA) loops and proposed the cascade-
induced source hardening (CISH) model, in analogy with the atmosphere Cottrell
(1948). Detailed elasticity calculations showed that glissile defect clusters that
approach dislocation cores within the stand-o� distance are absorbed, while clusters
can accumulate just outside this distance (Ghoniem et al. 2000a). Singh et al. (1997)
concluded that dislocation decoration is a consequence of defect cluster mobility and
trapping in the stress ®eld of grown-in dislocations. The CISH model was used to
calculate the stress necessary to free decorated dislocations from the atmosphere of
loops around them (upper yield, followed by yield drop), so that these freed disloca-
tions can act as dislocation sources. The CRSS increase in irradiated copper was
shown by Singh et al. (1997) to be given by ¢½ ’ 0:1·…b=l†…d=y†2, where d and y are
the defect diameter and stand-o� distance respectively. Assuming that y º d , and
that l º 35b, they estimated that ¢½=· º 0:5%. The phenomenon of yield drop was
proposed to result from the unpinning of grown-in dislocations, decorated with
small clusters or loops of SIAs. Figure 1 shows a set of stress±strain curves for
annealed and cold-worked pure copper, copper containing a dispersion of alumi-
nium oxide particles (also in cold-worked condition) and copper irradiated with
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®ssion neutrons at 320 K to dose levels of 0.01 and 0.2 displacements per atom (dpa),
and tensile tested at 295 K (Singh et al. 1996). Neutron irradiation of pure copper at
320 K not only leads to an increase in the upper yield stress but also causes a
prominent yield drop and plastic ¯ow localization. An example of localized plastic
¯ow in irradiated Cu±Cr±Zr alloy under low-cycle fatigue conditions is shown in
®gure 2. Note that cleared channels appear to be associated with relatively large
inclusions (i.e. stress concentration).

The objective of the present study is to assess the physical mechanisms, which are
responsible for the initiation of plastic instability in irradiated fcc metals by detailed
numerical simulations of the interaction between dislocations and radiation-induced
defect clusters. Two distinct problems that are believed to cause the onset of plastic
instability are addressed in the present study. First, we aim at determining the
mechanisms of dislocation unlocking from defect cluster atmospheres as a result
of long-range elastic interaction between dislocations and sessile SIA clusters situ-
ated just outside the stand-o� distance. The main new feature of this analysis is that
dislocation deformation is explicitly considered during its interaction with SIA clus-
ters. The results of this study are presented in } 3. Second, we investigate the mechan-
isms of structural softening in ¯ow channels as a consequence of dislocation
interaction with stacking-fault tetrahedra (SFTs). Based on these numerical simula-
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Figure 1. Experimental stress±strain curves for irradiated and unirradiated copper.
Specimens were irradiated in the DR-3 reactor at Risù National Laboratory at
320 K, and tensile tested at 295 and 320 K (Singh et al. 1996).



tions, a new mechanism for the onset of channel formation is proposed, and the
magnitude of radiation hardening is also computed in } 4. Finally, summary and
conclusions are given in } 5.

} 2. Computational three-dimensional dislocation dynamics
The method of dislocation dynamics has been recently developed for computer

simulation of mesoscale plastic deformation. While the behaviour of single disloca-
tions has been studied extensively in the past, complex dislocation ensemble inter-
actions in three dimensions have not been attempted until recently (for example
(Devincre and Condat (1992), Kubin and Canova (1992), Hirth et al. (1996),
Schwarz (1997) , Ghoniem and Sun (1999) and Ghoniem et al. (2000b)). In the
following, we outline the main features of the parametric dislocation dynamics
method for calculations of energies, stresses, forces and motion (Ghoniem and
Sun 1999, Ghoniem et al. 2000b).

Slip dislocation loops emanating from Frank±Read (F±R) sources are each seg-
mented into Ns segments (typically, Ns is in the range 7±30). Sessile SIA clusters, on
the other hand, are assumed to be prismatic circular dislocation loops. Segments on
F±R dislocations are parametrically described by the position vector components
r̂ri…u†:

r̂ri…u† ˆ
XNDF

mˆ1

Cim…u†qm; …1†

where Cim…u† are shape functions, dependent on the parameter u…0 4 u 4 1), qm are
generalized degrees of freedom (DOFs) for each node, and NDF is the total number
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Figure 2. Transmission electron micrograph of localized plastic ¯ow emanating form inter-
nal inclusions in Cu±Cr±Zr alloy, neutron irradiated at 320 K to a dose level of 0.3 dpa
and fatigue tested at 320 K with a loading frequency of 0.5 Hz (Singh et al. 2000b).



of assigned DOFs. Equation (1) is a general parametric representation of the dis-
location line for segment j. The velocity of any point on the dislocation line is r̂ri:
Vk ˆ dr̂rk=dt ˆ PNDF

nˆ1 Ckn dqn=dt. Curved segments of slip dislocations are repre-
sented by cubic splines. An e� cient fast computational sum of the stress tensor
components was developed by Ghoniem and Sun (1999):

¼ij ˆ ·

4p

XNloop

®ˆ1

XNs

­ ˆ1

XQmax

¬ˆ1

bnw¬

£ 1
2
R;mpp…"jmm r̂ri;u ‡ "imnr̂rj;u†

1

1 ¡ ¸
"kmn…R;ijm ¡ ¯ijR;ppm†r̂rk;u

³ ´
; …2†

where R;ijk: : : are successive derivatives of the radius vector connecting a point on the
loop and a ®eld point and "kmn is the usual permutation tensor. For a dislocation
loop ensemble we use the property of linear superposition. Thus, the fast numerical
sum is performed over the following set: quadrature points (1 4 ¬ 4 Qmax† asso-
ciated with weight factors w¬, loop segments (1 4 ­ 4 Ns), and number of ensemble
loops (1 4 ® 4 Nloop). The parametric derivatives of the position vector are r̂rk;u.

The elastic ®eld of SIA clusters is computed using the in®nitesimal loop approx-
imation (Kroupa 1966): ¼ij ˆ kij·bR2=2»3, where kij is an orientation factor of the
order of unity, R is the loop radius and » is the distance from the loop centre. The
total force and its moment on a SIA cluster can the be expressed respectively as

Fi ˆ ¡n 0
j ¼jk;ib

0
k dA 0 …3†

and

Mi ˆ ¡°ijkn 0
j b

0
l ¼lk dA 0; …4†

where n 0
j and dA 0 refer to the Cartesian components of the normal vector and the

habit plane area of the cluster respectively. As a mobile SIA dislocation loop moves
closer to the core of the slip loop, the turning moment on its habit plane increases, as
given by equation (4). When the mechanical work of rotation exceeds a critical value
of 0.1 eV per crowdion (Foreman et al. 1992), we assume that the cluster changes its
Burgers vector and habit plane and moves to be absorbed into the dislocation core.
Thus, the mechanical work for cluster rotation is equated to a critical value (i.e.
dW ˆ „ ³2

³1
Mi d³i ˆ ¢Ucrit) and used as a criterion to establish the stand-o� distance

(Ghoniem et al. 2000a).
We describe dislocation motion by developing equations of motion for general-

ized DOFs on the basis of a variational principle for Gibbs free energy, derived from
irreversible thermodynamics. Inertial e� ects (i.e. the kinetic energy of moving dis-
locations) are not included in this work. We de®ne the following:

(i) B¬k as a diagonal friction (inverse mobility) matrix for phonon drag
constants in two glide and one climb directions;

(ii) the sum of the Peach±Kohler force, self-force, Peierls lattice friction and
climb forces (per unit dislocation line length) as f t

k ;
(iii) an e� ective generalized force fm on a curved segment as

fm ˆ
…1

0

f t
i Cim…u† jdsj; …5†
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(iv) a phonon drag coe� cient matrix element ®mn as

®mn ˆ
…1

0

Cim…u†BikCkn…u† jdsj: …6†

With these quantities calculated for each curved segment, Ghoniem et al. (2000b)
showed that the global DOFs Ql for the entire loop can be obtained by solving the
set of di� erential equations given by

F k ˆ
XNtot

lˆ1

GklQl;t: …7†

Similar to the ®nite-element procedure, the local segment phonon drag coe� cient
matrix ‰®mnŠ is added to the corresponding global locations in the phonon drag
coe� cient matrix ‰GklŠ, while the force vector is mapped on to a corresponding global
vector F k. Here, the total number of DOFs for the loop are Ntot ˆ NsNDF. The
component Gkl is zero if the DOFs k and l are not connected through a segment.
Equation (7) represents a set of time-dependent ordinary di� erential equations which
describe the motion of dislocation loops as an evolutionary dynamical system. The
computational time step is dictated by the dislocation mobility, which is quite high in
fcc metals (the phonon drag coe� cient in copper is taken as 5 £ 10¡5 Pa s (Kubin
1993)). Numerical integration of the equations of motion are performed by implicit
iterative methods.

} 3. Unlocking of Frank ± Read sources from cluster decorations
The two main aspects considered here to a� ect both hardening and the ensuing

plastic ¯ow localization are

(i) dislocation unlocking from defect cluster atmospheres and
(ii) destruction of SFTs on nearby slip planes by gliding dislocations.

The interaction between grown-in dislocations and trapped defect clusters has
been shown to lead to unfaulting of vacancy clusters in the form of vacancy loops
(Ghoniem et al. 2000a). It can also result in rotation of the habit plane of mobile SIA
clusters (equation (4)). Once either of these two possibilities is realized for a vacancy
or SIA cluster, it is readily absorbed into the dislocation core. Ghoniem et al. (2000a)
used these conditions to determine an appropriate stand-o� distance from the dis-
location core, which is free of irradiation-induced defect clusters. It is estimated
(Ghoniem et al. 2000a) that clusters within a distance of 3±9 nm from the dislocation
core in copper will be absorbed, either by rotation of their Burgers vector or by
unfaulting. We shall use this estimate in } 3 as a guide to calculations of long-range
interactions of dislocations with sessile prismatic SIA clusters situated outside the
stand-o� distance. While the experimentally observed average SFT size is about
2.5 nm for oxygen-free high-conductivity (OFHC) copper, the radius of a sessile
interstitial cluster, which results from coalescence of smaller mobile clusters, is
assumed to be in the approximate range 4±20 nm. We assume here that SIA cluster
coalescence outside the stand-o� distance leads to their immobilization because the
resultant Burgers vector is outside the glide cylinder of coalesced SIA loops (Singh et
al. 1997). The local density of interstitial defect clusters at the stand-o� distance is
taken to be in the range …0:6 4† £ 1024 m¡3, giving an average intercluster spacing of
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about …18 35†a. In subsequent computer simulations, we use the following set of
material data for copper: lattice constant a ˆ 0:3615 nm, shear modulus

· ˆ 45:5 GPa, Poisson’s ratio ¸ ˆ 0:35 and F±R source length L ˆ …1500 2000†a.

3.1. Interaction between a Frank±Read source and a single self-interstitial atom
To gain insight into the mechanism of dislocation unlocking from the elastic ®eld

of decorating clusters, we ®rst consider the interaction between a F±R source and
one single sessile SIA cluster (radius, 40a) at a stand-o� distance of 40a from the
glide plane. The original analysis of Kroupa (1966) of a similar problem considered
the case of a single straight, in®nitely long and rigid dislocation, interacting with
another single circular dislocation loop. More recently, Kubin and Kratochvil (2000)
have analysed the interaction between an in®nite dislocation and a rectangular
dipolar loop.

In the following, the defect cluster is assumed to be a circular prismatic disloca-
tion loop situated above (or below) the glide plane of a F±R source. The Burgers
vector of clusters is b ˆ 1

2
‰110Š or b ˆ 1

2
‰·11·110Š while, for the expanding F±R source,

b ˆ 1
2
‰·1101Š. Other equivalent cluster orientations give redundant results. We also

assume here that the dislocation loop is not dissociated into partials. A uniaxial
stress along [100] of ¼11 ˆ 100 MPa is suddenly applied. The equations of motion
for position and tangent vectors are solved for 21 nodes on the expanding source,
and the shape is recomputed by implicit iterative integration to ensure stability of the
solution. Figure 3 shows a projection on the (111) glide plane of the change in shape
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Figure 3. Dynamics of F±R source (b ˆ 1
2 ‰·1101Š) interaction with a single sessile prismatic

interstitial defect cluster near the glide plane. The cluster has a radius of 50a, and a

Burgers vector b ˆ 1
2 ‰110Š. The cluster is located at (0, ¡1000a, 40a) in the local glide

plane coordinates. Time intervals are as follows: curve 1, 1 ps; curve 2, 2.5 ps; curve 3,
25 ps; curve 4, 50 ps; curve 5, 1200 ps.



for the expanding F±R source dislocation, as it comes closer to the cluster location.
After 1 ps, the advancement of the F±R source is nearly una� ected by the prismatic
defect cluster o� the glide plane, as shown in ®gure 3. As the dislocation line of the
F±R source comes within (100±200)a of the cluster, it is repelled and starts to deform
signi®cantly by about 25 ps. Even though the cluster force is relatively small, the
dislocation line is very ¯exible, thus achieving an equilibrium con®guration in about
0.1 ns. When the same sessile SIA cluster is moved vertically away from the glide
plane, the interaction dynamics are signi®cantly changed, both quantitatively and
qualitatively (®gure 4). By about 10 ps, the F±R source dislocation clears itself from
the in¯uence of the cluster force ®eld, which just distorts the dislocation line as it
passes underneath it on the glide plane. The line deformation caused by the cluster is
eventually erased as a result of the restoring dislocation self-force. It is clear that the
F±R source dislocation unlocks itself rather easily and quickly from the elastic ®eld
of one single SIA cluster at a distance of 80a from the glide plane. In both cases
studied here, the greatest in¯uence of the cluster on the dislocation line distortion is
shifted from the minimum (stand-o � ) distance between them. This shift is a conse-
quence of the speci®c Burgers vector orientations of both the SIA cluster and the F±
R source dislocation. The cluster force Fc on the F±R dislocation line, projected
along its normal n on the glide plane, can be shown to be given by Fcn ˆ ¡…¼3ibi†n,
the magnitude of which is dependent on the cluster’s Burgers vector through ¼3i and

2750 N. M. Ghoniem et al.

Figure 4. Dynamics of F±R source interaction with a single sessile prismatic interstitial
defect cluster at a larger stand-o� distance. All conditions are the same as in ®gure
3, except that the cluster is located at (0, ¡1000a, 80a) in the local glide plane coordi-
nate, and time intervals are as follows: curve, 1, 1 ps; curve 2, 2.5 ps; curve 3, 25 ps;
curve 4, 50 ps; curve 5, 75 ps.



the F±R line Burgers vector components bi. In the speci®c case when b ˆ 1
2
‰·1101Š, this

force magnitude is proportional to the di� erence between the cluster’s normal stress

¼33 and its shear stress ¼31, which maximizes at a position shifted from the minimum
stand-o� distance. When this is considered in the dynamics of the advancing line, a
clear shift in the maximum cluster in¯uence is produced, as can be seen in ®gures 3
and 4.

3.2. Interaction between a Frank±Read source and a row of self-interstitial atom
clusters

Consider now the more complex interaction between an expanding F±R source
dislocation and the full ®eld of multiple sessile SIA clusters (loops) present in a
region of decoration. As the F±R source expands in the elastic ®eld of SIA clusters,
each point on the dislocation line will experience a resistive (or attractive) force,
which must be overcome for the dislocation to move further. The dislocation line
curvature and hence the local self-force also change dynamically. To determine the
magnitude of collective cluster resistance, systematic calculations for the dynamics of
interaction between attractive (®gure 5) and repulsive (®gure 6) SIA clusters are
presented. When the SIA clusters are all attractive, the dislocation line is immedi-
ately pulled into their atmosphere but, as the applied stress is increased, the disloca-
tion remains trapped by the force ®eld of SIA clusters. When the stress is increased to
200 MPa, the line develops an asymmetric con®guration as a result of its Burgers
vector orientation, and an unzipping instability eventually unlocks the F±R source
from the collective cluster atmosphere, as shown in ®gure 5. This asymmetric unlock-
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Figure 5. Dynamics of F±R source interaction with a row of attractive SIA clusters at
a stand-o� distance of 40a. Clusters have parallel and identical Burgers vectors to
the F±R source of b ˆ 1

2 ‰·1101Š, and their centres are separated by 50a. The applied
stress ¼11 is gradually increased to 200 MPa before the dislocation line breaks free
from the clusters.



ing mode is characteristic of high linear cluster density on smaller sections of F±R
source decorations, as shown in ®gure 5, where the linear density of SIA clusters is
about 1

50
(cluster/lattice constant). On the other hand, as the linear density of SIA

clusters is reduced to about 1
100

(cluster/lattice constant), and the cluster coverage of
the F±R source is extensive, another instability mode develops. Figure 6 shows the
detailed dynamics of the collective cluster interaction with an expanding F±R source.
The high ®delity of the current parametric dislocation dynamics method for space
and time resolution of this interaction is clearly shown in the inset to ®gure 6. A
¯uctuation in the line shape is ampli®ed by the combined e� ects of the applied and
self-forces on the middle section of the F±R source, and the dislocation succeeds in
penetrating through the collective cluster ®eld at a critical tensile stress of
¼11 ˆ 200 MPa (CRSS ½=· ˆ 0:18%). A summary set of results for repulsive clusters
of parallel Burgers vectors are shown as scaling graphs in ®gures 7 and 8. The CRSS

½=· is shown in ®gure 7 as a function of the stand-o� distance, for a ®xed intercluster
distance of 50a. The results of current calculations are compared with the analytical
estimates of Singh et al. (1997) and Trinkaus et al. (1997b). For larger stand-o�
distances, the current results show a larger critical stress compared with the analy-
tical estimates, while for stand-o � distances smaller than about 60a, a smaller critical
stress is required to unlock the F±R source. When the stand-o� distance is large, the
applied stress must overcome the self-force, which results from the ®nite length of the
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Figure 6. Dynamics of a ¯uctuation-induced morphological instability initiated when the
dislocation line passes near the cluster atmosphere. The conditions are the same as in
®gure 5, except that the clusters are repulsive with b ˆ 1

2 ‰110Š:



F±R source, in addition to the collective cluster elastic ®eld. This aspect is not
considered in the extension made by Trinkaus et al. (1997b) to Kroupa’s (1966)
theory, where the line is assumed to be rigid as it moves close to the clusters. At
smaller stand-o� distances, however, the dislocation easily unlocks by one of the two
instability modes discussed earlier, and the predicted CRSS is smaller than analytical
estimates. Similar features are displayed in ®gure 8, where our calculations are again
compared with the analytical scaling relationship developed by Trinkaus et al.
(1997b). The nature of the clusters’ elastic ®eld, whether attractive or repulsive,
in¯uences the magnitude of the CRSS, which is found to be higher for attractive
(®gure 5) as opposed to repulsive (®gures 7 and 8) elastic ®elds.

It is estimated that the required CRSS is about 0.1% of · (about 50 MPa for
copper), for an average intercluster distance l º 50a, and a stand-o� distance of
about 40a. It is experimentally di� cult to determine the local value of l in the
decoration region of dislocations, which is likely to vary considerably, depending
on the character of the dislocation Burgers vector. However, l º 50a is an upper
bound, while l º …20 30†a is more likely. Since the CRSS is roughly inversely pro-
portional to l, the most likely value of the CRSS to unlock dislocations and to start
the operation of F±R, sources would be ½CRSS º 100 150 MPa. Depending on the
local value of the Schmid factor, the corresponding uniaxial applied stress is thus
likely to be of the order of 200±300 MPa, under conditions of heavy decoration (i.e.
at a displacement damage dose of 0.1 dpa or more). The current estimates for the
unlocking stress are thus consistent with the experimental data in ®gure 1 and
indicate that the operation of F±R sources from decorated dislocations can be
initiated by one (or both) of the following possibilities.
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Figure 7. Scaling of the critical shear stress with the stand-o� distance for repulsive clusters
of parallel b ˆ 1

2 ‰110Š at ®xed intercluster spacing of 50a.



(i) Activated F±R sources are decorated with a statistically low linear defect
cluster density.

(ii) Dislocation sources are initiated at stress singularities in regions of internal
stress concentration.

In either of these two possibilities, the most likely orientation of plastic slip is
along directions of maximum local Schmid factors.

} 4. Interaction between dislocations and stacking-fault tetrahedra
and the mechanism of channel formation

Once dislocation sources are unlocked from their decoration atmospheres caus-
ing a yield drop, they additionally interact with the surrounding random ®eld of
defect clusters (e.g. vacancy loops or SFTs). We investigate here the interaction
between emitted F±R dislocations and vacancy-type defect clusters as a possible
mechanism of radiation softening immediately beyond the yield point. Numerical
computer simulations are performed for the penetration of undissociated slip dis-
location loops emitted from active F±R sources (i.e. unlocked from defect decora-
tions) against a random ®eld of SFTs or sessile Frank loops of the type: 1

3
h111i{111}.

At the present level of analysis, we do not distinguish between SFTs and vacancy
loops, since they are modelled as point obstacles to dislocation motion that can be
destroyed once an assumed critical force on them is reached. The long-range elastic
®eld of these obstacles is ignored. The present computer simulations are extensions
of Foreman’s (1968) analysis in the following respects.
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Figure 8. Scaling of the critical shear stress with the intercluster distance for repulsive
clusters of parallel b ˆ 1

2 ‰110Š, at a ®xed stand-o� distance of 40a.



(i) Dislocation sources are not free segments and are emitted from pinned F±R
sources.

(ii) The simulations are fully three dimensional (3D) and not on a single glide
plane.

(iii) Obstacles are destructible, a necessary condition for ¯ow localization.
(iv) Multiple 3D jogged and interacting dislocation loop pile-ups are simulated.
(v) Dislocation segments in between SFTs are not in equilibrium with the

applied stress.

The random distribution of SFTs is generated as follows.

(i) The volumetric density of SFTs is used to determine the average 3D position
of each generated SFT.

(ii) A Gaussian distribution function is used (with the standard deviation being
0.1±0.3 of the average spacing) to assign a ®nal position for each generated
SFT around the mean value.

(iii) The intersection points of SFTs with glide planes are computed by ®nding
all SFTs that intersect the glide plane.

For simplicity, we perform this procedure assuming that SFTs are spherical and
uniform in size.

4.1. Interaction between unlocked dislocations and stacking-faul t tetrahedra
First, one slip dislocation loop is introduced between two ®xed ends, as in } 3. A

search is then performed for all neighbouring SFTs on the glide plane. Subsequent
nodal displacements (governed by the local velocity) are adjusted such that a released
segment interacts with only one SFT at any given time. The interaction scheme is a
dynamic modi®cation of Friedel (1956) statistics, where the asymptotic maximum
plane resistance is found by assuming steady-state propagation of quasistraight dis-
location lines. While Fiedel calculated the area swept as the average area per particle
on the glide plane, we adjust the segment line shape dynamically over several time
steps after it is released from a SFT. When a segment is within 5a of the centre of any
SFT, it is divided into two segments with an additional common node at the point of
SFT intersection with the glide plane. The angle between the tangents to the two
dislocation arms at the common node is then computed, and force balance is per-
formed. When the angle between the two tangents reaches an assumed critical value

Fc, the node is released, and the two open segments are merged into one. If the force
balance indicates that the segment is near equilibrium, no further incremental dis-
placements of the node are added, and the segment of the loop is temporarily sta-
tionary. However, if a net force acts on that segment of the loop, it is advanced and
the angle recomputed. The angle between tangents may reach the critical value, even
though the segment is not in equilibrium.

Sun et al. (2001) have shown that the elastic interaction energy between a glissile
dislocation and a SFT is not su� cient to transform the SFT into a glissile prismatic
vacancy loop. They proposed an alternate mechanism for the destruction of SFTs by
passage of jogged and/or decorated dislocations close to the SFT. The energy
released from recombination of a small fraction of vacancies in the SFT was esti-
mated to result in its local rearrangement. In the present calculations, we assume that
vacancies in the SFT are absorbed in the dislocation core of the small contacting
dislocation segment, forcing it to climb and form atomic jog pairs. With this
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mechanism, the entire SFT is removed from the simulation space, and dislocations
continue to glide on separate planes, thus dragging atomic-size jogs with them.
Successive removal of SFTs from nearby glide planes can lead to channel formation
and ¯ow localization in the channel, because the passage of consecutive dislocation
loops emitted from the F±R source is facilitated with each dislocation loop emission.
Figure 9 shows the results of computer simulations for propagation of plastic slip
emanating from a single F±R source in copper irradiated and tested at 1008C (Singh
et al. 2000a). The density of SFTs is 4:5 £ 1023 m¡3 and the average size is 2.5 nm. In
this simulation, the crystal size is set at about 1:62 mm, while the initial F±R source
length is 1600a (about 576 nm). A uniaxial applied tensile stress ¼11 along [100] is
incrementally increased, and the dislocation line con®guration is updated until equi-
librium is reached at the applied stress. Once full equilibrium of the dislocation line is
realized, the stress is increased again, and the computational cycle repeated. At a
critical stress level (¯ow stress), the equilibrium dislocation shape is no longer sus-
tainable, and the dislocation line propagates until it is stopped at the crystal bound-
ary, which we assume to be impenetrable. All SFTs interacting with the dislocation
line are destroyed, and plastic ¯ow on several closely spaced glide planes is only
limited by dislocation±dislocation interaction through the pile-up mechanism.

During the initial stages of deformation, small curved dislocation segments
unzip, forming longer segments that are stuck until they are unzipped again by
increasing the applied stress. As a result of the higher sti� ness of screw dislocation
segments compared with edge components, the F±R source dislocation elongates
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Figure 9. Propagation of plastic slip emanating from a single F±R source in copper irra-
diated and tested at 1008C (displacement damage dose, 0.1 dpa; SFT density
4:5 £ 1023 m¡3; size, 2.5 nm; simulated crystal size, 4500a (1.62 mm); initial F±R source
length, 1600a (576 nm); stress applied along [100]).



along the direction of its Burgers vector. The ®nal con®guration, however, is deter-
mined by

(a) the character of its initial segment (e.g. screw or edge),
(b) the distribution of SFTs intersecting the glide plane and
(c) dislocation±dislocation interactions.

This aspect is illustrated in ®gure 10, where two interacting F±R sources in
copper are shown for a displacement dose of 0.01 dpa and a SFT density of
2:5 £ 1023 m¡3 and with an average size of 2.5 nm. All other conditions are the
same as in ®gure 9. The two F±R sources are separated by 20a (about 7.2 nm). It
is seen that the spread of the F±R dislocation line with an initial strong edge com-
ponent of the Burgers vector is much faster than the F±R source with an initial pure
screw component. Signi®cant deformation of the two loops is also observed when
corresponding segments meet, and a higher stress is required to overcome additional
interaction forces.

4.2. Matrix radiation hardening
Penetration of activated F±R sources into a 3D ®eld of destructible SFTs can be

viewed as a percolation problem, ®rst considered by Foreman (1968) on a single glide
plane and extended here to complex 3D climb-controlled glide motion. The critical
stress above which an equilibrium dislocation con®guration is unsustainable cor-
responds to the percolation threshold and is considered here to represent the ¯ow
stress of the radiation-hardened material. The e� ects of interplanar F±R source
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Figure 10. Spread of plastic slip emanating from two interacting F±R sources in copper
irradiated and tested at 1008C. While the simulation conditions are the same as in
®gure 9, the two F±R sources are separated by 20a (7.2 nm).



interactions on the ¯ow stress in copper irradiated and tested at 1008C are shown in
®gure 11. A plastic stress±strain curve is constructed from the computer simulation
data, where the local strain is measured in terms of the fractional area swept by
expanding F±R sources on the glide plane. It is shown that, while the majority of the
increase in applied stress of irradiated copper can be rationalized in terms of dis-
location interaction with SFTs on a single glide plane, dislocation±dislocation dipole
hardening can have an additional small component of the order of 15% for very
close dislocation encounters on neighbouring slip planes (e.g. separated by about
20a). For larger separations (e.g. about 500a) the additional e� ects of dipole hard-
ening is negligible. Dislocation forest hardening does not seem to play a signi®cant
role in determination of the ¯ow stress, as implicitly assumed in earlier treatments of
radiation hardening (for example Seeger (1958), Makin and Minter (1960) and
Foreman (1968)). The in¯uence of the irradiation dose on the local stress±strain
behaviour of copper irradiated and tested at 1008C is shown in ®gure 12 for

Fc ˆ 1658. In the present calculations, we do not consider strain hardening by dis-
location±dislocation interaction and make no attempt to reproduce the global stress±
strain curve of irradiated copper. Computed values of the ¯ow stress are in general
agreement with the experimental measurements of Singh et al. (2000a, 2001), as can
be seen from ®gure 13. Closer agreement with experimental data depends on the
value of the critical interaction angle Fc, which is the only relevant adjustable para-
meter in the present calculations. Determination of the two adjustable parameters Fc

and B requires atomistic computer simulations beyond the scope of the present
investigation. Additional calculations for the ¯ow stress for OFHC copper, irra-
diated at 478C and tested at 228C are given in table 1 and compared with the
experimental data of Singh et al. (1996). The ¯ow stress value at a dose of
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Figure 11. The e� ects of interplanar F±R source interactions on the ¯ow stress in copper
irradiated and tested at 1008C, and a displacement damage dose of 0.1 dpa. Local
strain is measured as the fractional area of swept glide planes.
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Figure 12. Dose dependence of the increase in ¯ow stress in copper irradiated and tested at
1008C. The displacement damage dose varies in the range 0.001±0.1 dpa, and the
conditions correspond to the experimental data of Singh et al. (2000a, 2001).

Figure 13. Comparison between the dose dependence of computed increase in ¯ow stress
values and the experimental measurements of Singh et al. (2000a, 2001).



0.001 dpa has been extrapolated from the experimental results of Dai (1995) for
single-crystal copper irradiated with 600 MeV protons. It is noted that, while the
general agreement between the computer simulations and the experimental data of
irradiated copper is reasonable at both 22 and 1008C, the dose dependence of radia-
tion hardening indicates that some other mechanisms may play a role in radiation
hardening.

4.3. Mechanism of channel formation
Investigations of dislocation interaction with full or truncated SFTs considered

recently by Sun et al. (2001) indicated that local heating may be responsible for the
dissolution of SFTs by interacting dislocations and that their vacancy contents are
likely to be absorbed by rapid pipe di� usion into the dislocation core. The con-
sequence of this event is dislocation climb out of its glide plane by the formation
of atomic jogs, followed by subsequent glide motion of jogged dislocation segments
on a neighbouring plane. In ®gure 14, we present results of computer simulations of
the climb-controlled glide mechanism of jogged F±R source dislocations. Figure 15
shows a side view of the climb-controlled glide motion of a dislocation loop pile-up,
consisting of three successive loops, by projecting dislocation lines on the plane
formed by the vectors [111] and [·11·112]. SFTs have been removed for clarity of visua-
lization. It is noted that, for this simulated three-dislocation pile-up, the ®rst loop
reaches the boundary and is held there while the second and third loops expand on
di� erent slip planes. We assume that the simulation boundary is rigid, with no
attempt to simulate slip transmission to neighbouring grains. However, the force
®eld of the ®rst loop stops the motion of the second and third loops, even though the
stress is su� cient to penetrate through the ®eld of SFTs. This climb-controlled glide
mechanism of jogged dislocations in a pile-up can be used to explain two aspects of
dislocation channel formation. As the group of emitted dislocations expand by glide,
their climb motion is clearly determined by the size and density of SFTs. The climb
distance is computed from the number of vacancies in a SFT distributed over the
length of contacting dislocation segments. The jog height is thus variable but is
generally of atomic dimensions for the conditions considered here.

As a consequence of this climb-controlled glide mechanism, the width of the
channel is a result of two length scales: ®rstly, the average size of a SFT (about
2.5 nm) and, secondly, the F±R source-to-boundary distance (about 1±10 mm). This
aspect can be seen from ®gure 2. Secondary channels, which are activated from a
primary channel (i.e. source point) and which end up in a nearby primary channel
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Table 1. Experimental (Singh et al. 1996) and calculated tensile hardening parameters for
OFHC copper, irradiated at 478C and tested at 228C.

Planar
Displacement SFT inter-SFT Experimental Calculated ¢¼ …MPa†
dose density distance ¢¼0:05

(dpa) …1023 m¡3) a (MPa) Fc ˆ 1608 Fc ˆ 1658

0.001 0.8 196 110a 145 110
0.01 5.3 76 134 240 205
0.1 6.7 67.5 238 250 210
0.2 6.6 68.5 249 245 205

a From Dai (1995).



(i.e. boundary), are thinner than primary channels. Further detailed experimental
observations of the channel width dependences are necessary before ®nal conclusions
can be drawn. The second aspect of experimental observations (®gure 1), which can
also be explained by the present mechanism, is that a small degree of hardening
occurs once dislocation channels have been formed. Dislocation±dislocation inter-
action within the non-coplanar jogged pile-up requires a higher level of applied stress
to propagate the pile-up into neighbouring grains. While the initiation of a disloca-
tion channel is simulated here, full evolution of the channel requires successive
activation of F±R sources within the volume weakened by the ®rst F±R source, as
well as forest hardening within the channels themselves.

The possibility of dislocation channel initiation on the basis of the climb-con-
trolled glide mechanism is further investigated by computer simulation of OFHC
copper irradiated to 0.01 dpa and tested at 1008C; this is shown in ®gure 16. The
®gure is a 3D representation of the initial stages of multiple-dislocation-channe l
formation. For clarity of visualization, the apparent SFT density has been reduced
by a factor of 100, since the total number of SFTs in the simulation volume is
3:125 £ 107. The initial dislocation density is taken as » ˆ 1013 m¡3. To demonstrate
the importance of spatial SFT density variations, a statistical spatial distribution
within the simulation volume has been introduced such that lower SFT densities are
assigned near ten glide planes. All dislocation segments are inactive as a result of the
high local SFT density, except for those on the speci®ed glide planes. Search for
nearby SFTs is performed only close to active channel volumes, which in this case
totals 174 846. It is observed that, within a 5 mm volume, the number of loops within
a pile-up does not exceed ®ve. It is expected that, if the pile-up continues across an

Dislocation interaction with defect clusters 2761

Figure 14. A front 3D view of the glide-controlled climb mechanism for a jogged dislocation
pile-up. Note the gradual destruction of SFTs as the pile-up develops.
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Figure 15. Side-view projection for glide-controlled climb motion of a dislocation loop pile-
up on the plane spanned by the vectors [111] and ‰·11·112Š consisting of three successive
loops. SFTs have been removed for clarity of visualization.

Figure 16. 3D view for the formation of dislocation channels on glide planes which have low
SFT density, for irradiated copper at a dose of 0.01 dpa. For clarity of visualization,
the apparent SFT density has been reduced by a factor of 100.



entire grain (size, about 10 mm), a higher number of loops would be contained in a
jogged dislocation pile-up and that the corresponding channel would be wider than
in the present calculations. We have not attempted to initiate multiple F±R sources
within the volume swept by the dislocation pile-up to simulate the full evolution of
channel formation. As a result, the channel shape created by a single active F±R
source is of a wedge nature. In future simulations, we plan to investigate the full
evolution of dislocation channels.

} 5. Summary and conclusions
The present investigations have shown that dislocation lines are highly ¯exible.

For small intercluster or stand-o� distances (which are typical of decorated disloca-
tions), the unlocking stress varies by as much as a factor of two from the results of
rigid dislocation interactions. Two possible mechanisms of dislocation unlocking
have been identi®ed: ®rstly, an asymmetric unzipping-type instability caused by
partial decoration of dislocations; secondly, a ¯uctuation-induced morphological
instability, when the dislocation line is extensively decorated by defect clusters.
Estimated unlocking stress values are in general agreement with experimental obser-
vations that show a yield drop behaviour. It appears that unlocking of heavily
decorated dislocations will be most prevalent in areas of stress concentration (e.g.
precipitate, grain boundary, triple-point junction or surface irregularity).

Computer simulations for the interaction between unlocked F±R sources and a
3D random ®eld of SFTs have been utilized to estimate the magnitude of radiation
hardening, and to demonstrate a possible mechanism for the initiation of localized
plastic ¯ow channels. Reasonable agreement with experimental hardening data has
been obtained with the critical angle Fc in the limited range 158±1658. Both the
magnitude and the dose dependence of the increase in ¯ow stress by neutron irradia-
tion at 50 and 1008C are reasonably well predicted. In spatial regions of internal high
stress, or on glide planes of statistically low SFT densities, unlocked dislocation
sources can expand and interact with SFTs. Dislocations drag atomic-size jogs
and/or small glissile SIAs when an external stress is applied. A high externally
applied stress can trigger point-defect recombination within SFT volumes resulting
in local high temperatures. A fraction of the vacancies contained in SFTs is therefore
absorbed into the core of a gliding dislocation segment producing atomic-size jogs
and segment climb. The climb height is a natural length scale dictated by the near-
constant size of the SFT in irradiated copper. It is shown by the present computer
simulations that the width of a dislocation channel is of the order of 200±500 atomic
planes, as observed experimentally, and is a result of a stress-triggered climb-
controlled glide mechanism. The atomic details of the proposed dislocation±SFT
interaction and ensuing absorption of vacancies into dislocations need further inves-
tigations by atomistic simulations.

Finally, it should be pointed out that, at relatively high neutron doses, dense
decorations of dislocations with SIA loops, and a high density of defect clusters and
loops in the matrix are most likely to occur. As shown here, these conditions can lead
to the phenomena of yield drop and ¯ow localization. Solutions of these problems in
the ®eld of materials design may be sought, either to avoid dislocation decorations
and channel formation, or to prevent propagation of dislocations through the chan-
nels (e.g. by providing closely spaced indestructible obstacles on glide planes).
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