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Abstract

Through computer simulations, we show that plasticity in twinned copper nanopillars can be either reversible or irreversible depend-
ing on the applied stress state. Copper nanopillars, containing twinned crystals, are subjected to both compression and tension, and the
ratio of the resolved shear ðrRÞ to the normal stress ðrN Þ, R, is adjusted through variation of the orientation of the twin boundary plane
with respect to the loading axis. It is found that the yield locus on the rR–rN plane for twinned nanopillars is asymmetric with respect to
the sign of R. For a 9 nm diameter copper nanopillar under compression, plastic deformation can be totally reversed when rR is in the
range 0:5 6 rR 6 1 GPa, with a corresponding increase in the compressive normal stress, up to �2.5 GPa. It is shown that these condi-
tions are achieved for axial strains <3.3%, and that the transition to plastic irreversibility takes place at larger strains or normal stresses.
The mechanism responsible for the plastic reversible–irreversible transition is shown to be a competition between the nucleation of
Shockley partial dislocations at the nanopillar surface for irreversible plasticity vs. twinning dislocations for reversible plasticity. Fur-
thermore, the speed of Shockley partials at twin boundaries is subsonic when there is either tension or compression acting on the twin
boundary, and slightly supersonic when only shear is applied.
� 2009 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

While the elastic deformation of solid crystals is com-
pletely determined by a few elastic constants, plasticity is
the result of creation and motion of lattice defects requiring
many degrees of freedom. At the atomic level, plastic defor-
mation is facilitated by several basic mechanisms involving
grain boundary sliding, diffusional creep, slip through dislo-
cation motion and twin boundary migration. It is generally
associated with the irreversible deformation of solid crystals,
because processes such as atomic diffusion and defect nucle-
ation require an energy barrier, and, as such, atomic motion
cannot be reversed because part of the energy used to cross
such barriers is irreversibly dissipated. However, in situa-
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tions where deformation is accompanied by a phase trans-
formation (e.g. growth of a martensitic phase), large shape
change can be realized through the reversible motion of
phase boundaries [1]. The ability to control the geometry,
and hence the corresponding mechanical and physical prop-
erties of nanoscale materials and devices, is of great interest
in many applications, such as in microelectromechanical
devices with small-scale contacts, the fabrication and use
of nanowires in logic and memory circuits, and in structural
reinforcements of composite materials [2].

Recently, there has been a great deal of interest in explor-
ing the plastic deformation characteristics of nanoscale
materials, such as nanograined, nanotwinned and nanopil-
lar metals [3–9]. By controlling the size of grains and produc-
ing nanocrystalline metals whose grain sizes are of the order
of 100 nm or less, strength levels exceeding 4–5 times those
with grain sizes on the micron level can be easily achieved.
Recent experiments have also shown that the high density
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of nanoscale growth twins in fine-grained copper dramati-
cally elevates the strength while providing considerable ten-
sile ductility [3,4]. In addition to nanocrystalline and
nanotwinned materials, several experimental techniques
have recently been developed to fabricate metallic and sili-
con cylinders with nanoscale dimensions, known as nanopil-
lars. Experimental techniques such as scanning tunneling
microscopy [10], electron-beam lithography [11], “scratch”

lithography [12], cluster-beam deposition of metallic etch
masks [13], laser irradiation [14] and colloidal gold natural
lithography [15] have been recently advanced.

The mechanical deformation of these nanopillars beyond
the elastic regime shows unusual characteristics that are not
observed in bulk materials. Deformation of single-crystal
nanopillars has been explored using molecular dynamics
(MD) simulation by Rabkin et al. who demonstrated that
the primary yielding mechanism under uniaxial compression
is by nucleation of Shockley partial dislocations from the
surface [16]. Additionally, a variety of conditions has been
shown to influence the yielding behavior of metallic single-
crystal nanopillars. Among these are the strain rate
[9,17,18], the initial shape of the sample [19], the temperature
[17] as well as the size scale of the pillar [20,21]. However,
when considering polycrystalline nanopillars, the interac-
tion of grain boundaries and dislocations produces a yet
more complex picture. Deformation mechanisms in nanopil-
lars containing multiple grains can be accommodated by
either grain boundary migration, grain boundary sliding,
motion of existing dislocations and nucleation of new dislo-
cations from surfaces and grain boundaries. The preferred
mechanism can depend on a variety of conditions ranging
from the orientation and direction of the crystallography rel-
ative to the deformation, the availability of slip planes or the
lattice energies of the respective defects. This was later con-
firmed by Zepeda-Ruiz et al. using large-scale simulations
comparable to those of experiment on single-crystal Au
nanopillars with diameters of 10–20 nm under uniaxial com-
pression [20]. Additionally, they observed highly non-uni-
form stress states leading to yielding behavior that was
highly dependent upon surface facets and orientation.

Other unique aspects of nanoscale material deformation
have also been recently shown. For example, the computer
simulation work of Afanasyev et al. showed significant
hardening of gold nanopillars under compression due to
the interaction of dislocations that had been nucleated
from the surface with perpendicular twin boundaries [22].
Gall et al. examined the yield strength under tensile loading
of gold nanowires of varying widths, down to the subna-
nometer level [21], and observed an increase in the strength
of nanowires due to a surface-stress-induced change in the
stable structure of the nanowires. Park and Zimmerman
[23] and Ma et al. [17] also performed MD simulations of
gold nanowires under tensile loading, and examined the
effects of the strain rate and wire size on its plastic deforma-
tion. Their work demonstrated the importance of the stack-
ing fault and surface energies in accurately capturing
nanoscale deformation mechanisms. Likewise, Zhu et al.
used both simulation and high-resolution transmission
electron microscopy observations in order to examine the
strain-rate sensitivity of nanotwinned copper [8]. They
described this rate sensitivity in terms of the interaction
of dislocations with interfaces, and demonstrated that
slip-transfer reactions mediated by twin boundary interac-
tions are the rate-controlling mechanisms. Since the sur-
face-to-volume ratio is very high in nanoscale materials,
particularly nanowires and nanopillars, the influence of
free surfaces on plasticity has been the subject of numerous
recent investigations as well. The effects of free surfaces on
yielding was studied by Diao et al. [24] for gold nanowires,
and by Li and Ghoniem [25] for twinned copper. The spe-
cific mechanism of dislocation nucleation from the free sur-
face was determined via MD simulations by Zhu et al. [18],
who developed a framework to describe the probabilistic
nature of dislocation nucleation from surfaces. Dislocation
nucleation conditions were also investigated by Tschopp
and McDowell, who studied bulk single-crystal copper
under uniaxial loading, and examined how homogeneous
nucleation of partial dislocations changes as a function of
crystallographic orientation [26]. Most recently, Dutta
et al. have proposed a model of lattice resistance to the
motion of a dislocation within a nanosized system, where
the dislocation velocity is enhanced as a result of the prox-
imity to the surface [27].

The objective of the present work is to explore the condi-
tions that control two important modes of plastic deforma-
tion in copper nanopillars: dislocation nucleation from the
surface and twin boundary migration. The main aim here
is to show that a transition from reversible to irreversible
plastic flow can be induced in axially loaded nanopillars,
and that a tension–compression asymmetry is inherent in
plastically deforming nanopillars. These two aspects—
namely the reversible–irreversible plasticity transition and
the tension–compression asymmetry—will be traced to fun-
damental atomic mechanisms through MD computer simu-
lations. In the next section, we discuss details of computer
simulations, followed by a presentation of simulation results
in Section 3, where we discuss the deformation modes, the
tension–compression asymmetry and the atomic mecha-
nisms responsible for the observed behavior. Finally, we give
conclusions of the present study in Section 4.

2. Computational methods

Atomic interactions in all MD simulations here were
modeled using an embedded atom method (EAM) poten-
tial for copper that accurately reproduces the cohesive
energy, point defect energies, phonon frequencies and other
properties [28]. The potential gives twin boundary and
intrinsic stacking fault energies, as well as elastic constants
that are in agreement with experiments [28], which are key
properties for accurate simulation of dislocation behavior.
The EAM potential gives direct access to an average
mechanical stress tensor on an ensemble of atoms, hri,
given by [29,30]:
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Fig. 1. Schematic of the nanopillar geometry. The two sections labeled
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aXa is the total volume of the ensemble, Xa

the atomic volume assigned to atom a; rab is the distance
between atoms a and b, connected by the vector rab;Uab

is the pair interaction function, qb is the electron density in-
duced by atom b; F ðhqaiÞ is the embedding energy of atom
a and hqai is the background electron density on the loca-
tion of atom a. While the way the total volume is parti-
tioned between atoms is somewhat arbitrary, the average
stress does not depend on the choice of individual atomic
volumes. In this work we choose Xa to be the equilibrium
atomic volume in the perfect lattice k3X0, where X0 is the
atomic volume at 0 K and k3 is a predetermined linear ther-
mal expansion factor appropriate to the temperature at
which the simulation is performed.

Once the atomic stress tensor is determined, the average
traction ðhtiÞ, normal stress ðhrN iÞ and resolved shear stress
ðhrRiÞ acting on an atomic plane with unit normal vector
(n) can be obtained as:

hti ¼ hri � n; hrN i ¼ hti � n; hrRi ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
hti � hti � r2

N

q
ð2Þ

We will define here the shear load ratio, R, as the ratio of the
resolved shear stress divided by the normal stress. It is a mea-
sure of the relative strength of the shear stress acting on the
twin plane, thus R ¼ hrRi=hrN i. An atomic simulation block
is initially prepared with construction of a large orthorhom-
bic volume of approximate dimensions 20� 2� 36 nm,
along the x; y and z directions, respectively. The y-axis was
chosen to align with the axial load (compression or tension)
direction, while the z-axis was chosen to lie along the ½1�10�
crystallographic direction, which selectively isolates the d
or c (using Thompson’s tetrahedron notation) slip planes
as preferred slip systems. Then, by varying the axial load
direction, the angle formed between the load axis and the slip
plane normal can be controlled, resulting in prescribed stress
components (normal and shear) on slip planes. The x-axis
was fully determined by the choice of z- and y-axes.

A twin boundary was then constructed by performing
180� rotation of the half-grain above a selected slip plane
(111) relative to the other half. For each simulation, the
angle h formed between the load axis and the twin bound-
ary normal controls the shear load ratio, R. Each simula-
tion block consisted of either two, four or six twin
boundaries evenly spaced apart, such as to remain non-
interacting with themselves, the base or the top of the sim-
ulation block. In addition to the rotation, in-phase shifts
(shifts which preserved the twin symmetry), lateral to the
rotation plane were also performed on the half-grains sim-
ply to keep the block as squared as possible. Finally, all
atoms outside a cylinder with a diameter of 9 nm and of
a height between 27 and 30 nm were removed from the sim-
ulation block, thus leaving an atomically smooth cylindri-
cal surface behind. Fig. 1 shows a diagram of this
simulation block, where we show the angle hT between
the loading axis and the ½11�2� direction on the twin plane
(11 1), and hD between the loading axis and the ½�1�1�2� direc-
tion on the conjugate slip plane (note that hD þ hT ¼
109:5�, so only one angle needs to be specified).

Thin slabs of atoms at the top and bottom of the simu-
lation block are held fixed as indicated in Fig. 1. These
fixed regions are allowed to interact with their neighboring
atoms, but the displacement of these atoms is constrained
to be in the axial direction by the applied load at the top,
and is totally constrained at the bottom. The nanopillar
itself comprised free surfaces exposed to vacuum; however,
the base of the nanopillar had periodic boundary condi-
tions in the x- and z-directions creating an infinite slab
on which the nanopillar was positioned. The final simula-
tion blocks comprised of the order of 0.35 million atoms.

Prior to performing any compression or tension simula-
tions, the simulation block was allowed to anneal for
800 ps. During this annealing process, the temperature
was successively stepped up to the final simulation temper-
ature of 500 K. As the temperature was stepped up, previ-
ously determined uniform expansions [28] were imposed on
the simulation block in order to accommodate the thermal
expansion as the simulation temperature was increased. By
imposing this expansion, the average internal pressure was
maintained at zero, and the pressure due to the free sur-
faces equilibrates naturally through the annealing process.
All reported values and results are for a constant tempera-
ture of T ¼ 500 K using an NVT ensemble. Thus, by vary-
ing the angle of the twin boundaries with respect to the
compression/tension axis we are able to selectively vary
the normal stress, hrN i, and the critical resolved shear
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stress, hrRi, acting on the twin boundary. The angle hT con-
trols the degree of coupling between shear displacements
and twin boundary migration [31].

3. Results

3.1. Reversible–irreversible plasticity transition

Plastic deformation of twinned face-centered cubic (fcc)
crystals has been shown by Li and Ghoniem to proceed via
two main channels: (1) nucleation and propagation of dis-
locations and (2) twin boundary migration [25]. Nucleation
of Shockley partial dislocations takes place at free surfaces
[31], or at twin boundaries themselves [25], and, as such,
will lead to irreversible plastic deformation. On the other
hand, if surface dislocation nucleation is somehow pre-
vented, and twin boundaries are subjected to sufficient
shear displacement, twinning dislocations can form at these
boundaries, allowing them to migrate normal to the shear
plane displacement. The atomic mechanisms of this twin
boundary motion “coupled” to shear deformation have
recently been described within the framework of stick–slip
dynamics [32,31]. Hu et al. found that the “stick” phase of
the dynamics is associated with accumulated strain in the
crystal, and that such strain is suddenly released by the
nucleation of 1/6[112]-type twinning partial dislocations
[31]. In atomic layers adjacent to the twin boundary, coor-
dinated shuffling of atoms was determined to take place
immediately before dislocation nucleation. The “slip”

phase of the dynamics was shown to be controlled by fast
propagation of nucleated twinning partial dislocations and
their spreading along the twin boundary [31].

The competing plastic yield mechanisms of surface
Shockley partial dislocation nucleation vs. nucleation and
propagation of twinning partial dislocations were also
observed during the compression-induced grain boundary
migration with coupled shear [33], or nucleation of partial
dislocations from the surface [16]. The work of Afanasyev
et al. demonstrated substantial strengthening of nanopil-
lars due to the presence of nanoscale twins with twin
boundaries normal to the compression axis [22], in agree-
ment with the simulation results of Li and Ghoniem [25].

The competition between the two mechanisms is con-
trolled by three parameters: the magnitude of applied dis-
placement (and hence local stress tensor), the angle
between the twin boundary normal and the load axis ðhÞ,
and the angle between the load axis and the ½11�2� direction
on the twin plane, hT . Proper selection of the two angles, h
and hD (and hence hD) will effectively control the specific
components of the stress tensor acting on twin and slip
planes. Our strategy is then to utilize this specific geometry
of copper (fcc) nanopillars and simple loading to determine
independent values of the local normal and shear stresses
on twin and slip planes. We are then able to activate both
twin boundary migration without surface dislocation
nucleation and surface nucleation of dislocations on conju-
gate slip planes. By having an even moderately low hT , twin
boundary migration was found to be the preferred yield
mechanism resulting in an overall much softer material.
However, as hT approaches 0� and starts to become more
perpendicular to the compression axis, then the normal
stress acting on the twin boundary exceeds a critical value,
and the channel of plastic deformation via twin boundary
migration ceases to be the dominant mode of deformation.
At this point, dislocation nucleation is activated on conju-
gate slip planes, resulting in irreversible plasticity [22].

In traditional continuum plasticity, the yield surface is
generally constructed in the stress space spanned by the
three principal components (the Haigh–Westergaard
space), but more conveniently projected on the two-dimen-
sional space of principal stresses r1 and r2 (plane condi-
tions). We select here the two components of hrRi and
hrN i to show the yield condition of copper nanopillars
loaded in tension (Fig. 2), and in compression (Fig. 3). In
Fig. 2a, the plastic yield line is shown as a linear relation-
ship between the local normal stress on the twin boundary
and the corresponding shear stress. The insets in the figure
show the inclinations of the twin boundary plane trace
(solid line) and the trace of the conjugate slip plane (dashed
line) with respect to the load axis. The “yield locus” shown
in Fig. 2a is associated with plastic deformation of several
per cent, but is reversible once a compressive load is
applied. Total reversal of plastic displacement is unusual
in bulk fcc metals because dislocation generation and mul-
tiplication is inevitable in bulk materials, whereas the small
size of a nanopillar and the ability to precisely control the
stress state at the twin boundary enables full reversal of the
plastic deformation without any surface dislocation nucle-
ation. We have shown in other publications [25,34,31] that
twin boundary migration in copper is the result of nucle-
ation and motion of twinning dislocations, and that the
magnitude and direction of twin boundary motion can be
controlled by the direction of shear on the twin boundary,
being maximum when shear is applied along Shockley par-
tial dislocation directions (h1 12i). When the local shear
stress is around 0.8 GPa, and the tensile stress around
1 GPa, twin boundary motion will take place without any
surface dislocations that can cause irreversibility. On the
other hand, when the local shear stress is 1 GPa, the tensile
stress must be close to 1.5 GPa for twin boundary motion
to dictate plastic deformation, and hence these conditions
result in the phenomenon of reversible plasticity. When
the tensile stress becomes large (approximately above
2 GPa), the corresponding resolved shear on conjugate
planes is considerable, and the imposed load displacement
is plastically accommodated by the generation and propa-
gation of dislocations from the surface in an irreversible
manner. The corresponding “yield locus” for irreversible
plasticity is shown in Fig. 2b.

The yield locus for twinned copper nanopillars is shown
in Fig. 3, where the results of computer simulations are fitted
to linear relationships between the local values of the normal
stress on active slip or twin planes, and the resolved shear
stress. It is clear that when the local shear stress is below
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about 1 GPa, and the normal stress “squeezing” atoms on
twin planes is very large (e.g. above�2.5 GPa), twin bound-
ary can no longer be sustained, and another plastic deforma-
tion channel opens up in the form of dislocation nucleation
from the surface. The state of plastic reversibility at local
shear stresses in the range 0:5 6 hrRi 6 1 GPa can be
attained with a corresponding increase in the compressive
normal stress, up to �2.5 GPa. Beyond these limits, copper
twinned nanopillars make a transition to a state of plastic
irreversibility attained by surface dislocation nucleation
and twin boundary migration.

The critical transition from reversible to irreversible
plasticity is demonstrated in Fig. 4, where it is clearly
shown that below a strain of about 3.3%, twinned copper
nanopillars prefer to deform plastically by twin boundary
migration, and thus the deformation is reversible since it
is not associated with any surface dislocations. At larger
values of strain, plastic deformation becomes irreversible,
as can be seen in Fig. 4. This behavior is unique to twinned
nanopillars, and is not observed in bulk crystals.

3.2. Tension–compression asymmetry

In some polycrystalline metals, the yield point in tension
is different from that under compression. This tension–
compression asymmetry is called the Baushinger effect in
polycrystalline materials. In the present computer simula-
tions of nanotwinned pillars, we also observe a tension–
compression asymmetry reminiscent of the Bauschinger
effect, although the physical mechanisms are entirely differ-
ent. Fig. 5 shows the yield locus in tension and in compres-
sion for reversible plasticity controlled by twin boundary
migration. Under compression, a lower value of the local
shear stress is needed to initiate yield by twin boundary
migration, as compared to the same conditions under ten-
sion. Twinning dislocation nucleation and motion is facili-
tated when the twin boundary is under compression, as
compared to being under tension. However, and in both
cases, a larger value of local shear is required to initiate
twin boundary migration when any normal stress is addi-
tionally operating on the twin plane. The nucleation and
motion of twinning dislocations on the twin boundary
becomes more difficult as atoms move away from their
equilibrium separation under the influence of a large com-
pressive or tensile normal stress. We show at the end of this
section that the speed of dislocation motion on twin
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Fig. 6. Time sequence of the yielding of nanopillar compression at
h ¼ 35:3�. Atoms are labeled according to their centrosymmetry param-
eter. The front half of the nanopillar has been cut away for the purpose of
this visualization in order to reveal the twinned nanostructure within. The
atomic positions are averaged over 5000 time steps (10 ps) to remove noise
due to thermal vibrations.
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boundaries is reduced whether the normal stress is tensile
or compressive.

3.3. Atomistic deformation mechanism

Fig. 6 shows a time sequence of the deformation
response of a characteristic simulation under compression.
In order to eliminate thermal noise in the figure, the plotted
atomic positions are taken as the mean positions over
10 ps. We have shown that twin boundary migration is a
stick–slip mechanism [31], and, as such, once the initial
migration event occurs at t = 0.74 ns it is quickly followed
up by successive twin boundary migration events as a result
of the nucleation and motion of twinning dislocations at
t = 0.76 ns and t = 0.78 ns. Under tension, a similar behav-
ior is also observed, as can be seen in Fig. 7. The reversibil-
ity of twin boundary migration can be seen by comparing
the nanopillar shape between the two figures, where the
load axis shifts to the left under compression (Fig. 6),
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and to the right (Fig. 7) under tension. We note here that at
strains larger than 3.3% (t > 1:25 ns in Fig. 7), a surface
dislocation is emitted near the top of the pillar.

Hu et al. showed that the fundamental mechanism of twin
boundary migration is the nucleation of a twinning partial
dislocation at the twin boundary, and the corresponding
motion of a Shockley partial dislocation across the twin
interface resulting in a shift of the boundary plane either
up or down [31]. Fig. 8 presents a detailed view of the basic
twin boundary migration atomic mechanism leading to
reversible plasticity by twin boundary migration. Atoms in
the figure are highlighted according to their coordination
number, and those with a coordination number of 12 are ren-
dered invisible, thus eliminating bulk atoms as well as atoms
comprising the twin plane from the visualization. Only the
surface atoms and the atoms comprising the Shockley partial
dislocation loop remain visible. The migration velocity of
the Shockley partial dislocations responsible for twin
boundary migration was calculated for selected cases of
hrN i. These results are presented in Table 1.

It is apparent from Table 1 that the speed of Shockley
partials is significantly affected by the normal stress
imposed on the twin boundary. At higher normal stress,
either in tension or compression, Shockley partial disloca-
tions move at slower speed. Pimpec [35] recently measured
the speed of acoustic waves in copper, and determined that
the velocity of the longitudinal wave vp ¼ 4:76 km s�1, the
Fig. 7. Time sequence of the yielding of nanopillar tension at h ¼ 35:3�.
All other conditions are the same as in Fig. 6.
shear wave vs ¼ 2:325 km s�1 [36] and the Rayleigh wave
vR ¼ 2:16 km s�1. We find from the present simulations
that the migration speed of Shockley partial dislocations
sweeping across the twin plane is subsonic when there is
either tension or compression acting on the twin boundary,
and slightly supersonic when only shear is applied at the
twin boundary. It is roughly 0:5vs at a tensile stress of
�2 GPa, and reaches vs when rN is absent, consistent with
the simulation results of Heino et al. [37]. Note that tension
slows down Shockley partials more than compression does.

Fig. 8 shows a visualization of the propagation of
Shockley partial dislocations, where a slice of the pillar iso-
lating only a few planes above and below the twin plane is
illustrated. Atomic positions are the result of averaging
over 50 time steps (0.1 ps). At high values of the compres-
sive stress component (left panel), the dislocation is identi-
fied as a Bd Shockley partial according to the Thompson
notation, while the dislocation in the right panel under
small compressive stress is Dd. The dislocation loop, which
nucleates from the intersection between the twin boundary
and the free surface, is visibly slower at high values of
compression.
4. Summary and conclusions

Plastic deformation of twinned copper nanopillars
shows behavior that is not observed in the deformation
of bulk copper. The unique features of this deformation
stem from the small size and the ability to control the type
and nature of dislocation nucleation and motion inside
these nanosystems. While plastic deformation of bulk cop-
per is controlled by dislocation multiplication and recovery
processes, rather than by nucleation events, the situation in
nanopillars is distinctly different. The present work shows
that relatively simple placement of twin boundary orienta-
tion with respect to the load axis can give enough flexibility
to control the stress state acting on individual twin or slip
plans. This unique ability makes it possible to show a num-
ber of conclusions, as follows;

1. The yield locus for twinned copper nanopillars is an
approximate linear relationship between the shear and
normal components of the average atomic stress on twin
planes. It is shown that, in tension, when rN � 2 GPa,
and above �2.5 GPa in compression, plastic deforma-
tion is irreversible. Below these values, plasticity of
twinned nanopillars is found to be reversible.

2. The critical transition from reversible to irreversible
plasticity is shown to take place at a strain of �3.3%.

3. We show here that reversible plastic yield under tension
is not the same as under compression, which indicates a
clear “tension–compression asymmetry” in the revers-
ible plasticity of twinned nanopillars.

4. The reversible–irreversible plasticity transition is found
to be the result of a competition between the nucleation
and growth of twinning dislocations favoring reversible



Fig. 8. Diagram showing the twin boundary migration mechanism for two characteristic compression simulations. Atoms are colored according to their
coordination number, with those having 12 nearest neighbors removed. This visualization shows a slice of the pillar isolating only a few planes above and
below the twin plane where the yielding event occurred. Atomic positions are the result of averaging over 50 time steps (0.1 ps)

Table 1
Twin boundary dislocation migration velocities for selected values of hrN i
at the yield point and at T ¼ 500 K. v=v0 is the ratio of the migration
velocity to the shear wave speed of 2:33 km s�1 [35,36], confirmed also by
our MD simulations of non-twinned copper crystals.

Tension Compression

hrN i (GPa) 1.9 1.3 0.9 �1.9 �0.7 �0.3
v (km/s) 1.3 2.1 2.6 1.6 1.9 2.4
v=v0 0.56 0.89 1.06 0.70 0.81 1.04
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plasticity on the one hand, vs. dislocation emission from
free surfaces favoring irreversible plasticity on the other.

5. At higher normal stress (tension or compression),
Shockley partial dislocations are slowed down. We find
that the migration speed of Shockley partial dislocations
sweeping across the twin plane is subsonic when there is
either tension or compression acting on the twin bound-
ary, and slightly supersonic when only shear is applied
at the twin boundary.
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